We show computationally that (molten) thin polymeric film containing nonequilibrium configurations originating from a solvent evaporation may develop holes spontaneously in the molten state, and that they appear delayed. Polymers above the glass transition temperature are liquids where the flow depends solely on the nonequilibrium configurations of the molecules.
I. INTRODUCTION
Thin films made by spin coating of diluted polymers followed by solvent evaporation are widely used in material science and technology. Examples are development of new materials 1 or mouldings of surface topologies 2, 3 where the squeezing of thin polymer films is important for the shaping of well defined micro and nanostructures. The physics behind the dynamics of these molten films remains unanswered. One particular phenomenon is the spontaneous as well as delayed rupture occurring in films heated above the glass transition temperature.
Spontaneous rupture and dewetting of thin polymer films (>20 nm) above the glass transition temperature [4] [5] [6] have been discussed in an immense amount of scientific papers but still remains unresolved. This is a surprising phenomenon since intermolecular forces were considered to stabilize a film. 7 For low molecular weight polymers, the rupture and subsequent dewetting of very thin films, the size of a few nanometers, have actually been simulated and well explained. This is based on the thin film equation, 7 within intermolecular force theory, as low molecular weight polymers behave as Newtonian liquids. However, these polymers are usually not applied technologically due to their brittle nature in the solid state. As the molecular weight increases, polymers become structured or commonly known as viscoelastic liquids. These liquids flow in complex ways. 8, 9 Inspired by the experimental investigations in Ref. 5 , we will here theoretically explain why and show how holes can spontaneously develop in thin films of a viscoelastic polymer melt. As recognized in Ref. 5 , it is a consequence of what they referred to as residual stresses in the polymer, originating from fast evaporation of the solvent during the preparation of these films from a polymeric solution. In this paper, our concern is about the film deformation in the initial stages of the hole generation (see Fig. 1 ) before the hole expands or dewets. Only the hole expansion or dewetting has been discussed in the scientific literature. We will model the flow without the effect of disjoining force until a local film thickness reaches zero [seen in Fig. 1(d) ], which by definition is the critical point in time where a hole develops.
II. COMPUTATIONAL DETAILS
Polymeric or structured liquids flow as a consequence of nonequilibrium configurations described as stresses. As in most experimental dewetting studies, 4, 5, 10 we will focus on the dynamics of monodisperse polymer melts. These melts ideally only contain polymers of one length (e.g., molecular weight). An analytical model (e.g., constitutive equation) for the dynamic of highly entangled monodisperse polymer melts was pioneered by Doi and Edwards, 11 within the tube ideas of P.G. de Gennes. 12 While the original Doi and Edwards model 11 has many limitations, Wagner et al. 13 added a stretch equation based on the "interchain pressure" concept. 14 This approach is currently the most accurate model to predict the flow behavior of monodisperse polymer melts. 13, 15, 16 The analytical model is
where
depending on the deformation history. Here the terms σ ij are the components of the stress tensor. f is commonly referred to as the molecular stress function. The angular brackets denote an average over a unit sphere . . . = 1/(4π ) |u|=1 . . . du. u is a unit vector. The components of the displacement gradient tensor E is given by E ij (x,t,t ) = ∂x i /∂x j , i = 1,2,3 and
are the coordinates of a given particle in the stress-free reference state (time t ), displaced to coordinates (x 1 ,x 2 ,x 3 ) in the current state (time t). Here we apply the commonly used Currie approximation 17 for all terms in the angular brackets as well as an approximation of the molecular stress function. The linear dynamics of the polymer are described by the memory function M(t − t ).
The model above only contains one unknown nonlinear parameter τ w . τ w is referred to as the tube diameter relaxation time. There exist only a few experimentally determined (e.g., fitted) values of τ w for monodisperse polystyrenes. For computational simplicity, we will use an approximation of the molecular stress function f starting from the point where the film melts. The f used in the molten state is the (analytical) solution of the differential equation
with the initial condition f (t ,t ) = exp( ln |E · u| ). A similar approach, although using a simplified molecular stress function of the rouse type, was used to explain the delayed rupture of extended polymer melts. 8 The above approximation allows us to use the numerical algorithm developed recently by Marín et al. 18 It is a 3D finite element method where node points follow the particle movement. The method is third order accurate in both space and time, ensuring high computational accuracy.
We will apply the method by Baumgaertel, Schausberger, and Winter (BSW) 19 to describe the linear dynamics. The memory function is
where h(x) is the Heaviside step function. τ max is the maximal relaxation time in a continuous distribution of time constant. The plateau modulus G 0 N corresponds to the natural elasticity of the polymer. n e , n g , G 0 N , and τ c are material parameters which have a unique value for each type of polymer, whereas τ max depends of its molecular weight. 20 In almost all thin film problems, the surface tension plays a significant role in the dynamics. With increasing film thickness, the intermolecular force theory becomes the continuum mechanical surface (and interface) tension, σ . For polymers, the surface tension is nondimensionally given as the "surface elasticity" number 21 as
, relating the surface tension to the plateau modulus. H 0 is a characteristic dimension of the system, which here is the thickness of the polymeric film. The dynamics of the film is therefore not related to the thickness but nondimensionally to the surface elasticity. As an example, a 60 nm thick film of polystyrene has a surface elasticity number φ of about 3.
A thin polymer film without configurational stress is stable. But polymeric films may contain nonequilibrium configurations originating from the solvent evaporation. 4 The build of nonequilibrium configurations is a consequence of the reduction of the height of the film as the solvent evaporates. These occur where the dynamics of the polymer chain is slower than the evaporation. The chains are virtually compressed. The dynamics and the configurational changes of the polymeric molecules during the evaporation are highly complex. In the first part of the evaporation, the polymer molecules stay in random configurations, as the dynamics of the polymers in diluted solutions are very fast. As an example, a very high molecular weight 5% polystyrene solution (about 4000 kg/mole) will have a maximal relaxation time of no more than 1s at room temperature. 22 At lower molecular weights or higher temperature, this relaxation time will be several decades lower. As evaporation takes place, the polymer concentration increases. Hence, at a certain polymer concentration (X) where the evaporation rate is faster than the dynamics of the polymer chain, the solution will build up nonequilibrium configurations. These will depend on the specific solvent-polymer pair, molecular weight, temperature, and evaporation history. At certain conditions, a film almost without configurational stress may develop. In particular, the temperature and evaporation history is difficult to quantify and has not been reported in any study. Therefore we will introduce specific nonequilibrium configurations of the polymer as the theoretical starting point. For simplicity, we specify the nonequilibrium configurations as the following heuristic approach. A random configured polymer melt is extended biaxially to coat the surface as ( x 1 ,x 2 ,x 3 
for t > 0, where the initial particle positions at t = 0 are given as [x 1 (0),x 2 (0),x 3 (0)].˙ is a constant strain rate and =˙ · t the strain. In this model, we have assumed that a X% (volume/volume) polymer solution on a surface will be reduced the same amount in all directions during evaporation. Therefore a polymer melt originating from an X% (volume/volume) solution will need a biaxial extension representing a strain of = −(2/3) ln(X) to coat the original surface completely. For example, a 5% solution represents a strain of = 2. Within a traditional continuum mechanics framework, the spontaneous development of holes is considered an instability. This instability is highly sensitive to initial inhomogeneities in the film. Computationally we create a perturbation in the ideal flat film by removing a small sinusoidal part of the surface exactly at the end of the initial extension. These depressions are equally spaced in a hexagonal pattern (illustrated in Fig. 1 ). So the free surface is perturbed just before the film is molten. The sinusoidal shaped perturbation [illustrated in Fig. 1(a) ] has a height S and (fixed) radius of H 0 , identical to the film thickness. We exploit the hexagonal symmetry in our computations. As a boundary condition against the substrate, we have used a slip boundary condition. This is an exact boundary condition for the surface dynamics observed in free-standing film. 10 If the polymer is attached to a nonadsorbing substrate such as PDMS (polydimethylsiloxane), the polymer will experience some resistance in the interface, although experimentally the polymer does not show any resistance of importance against the initial dewetting. 5 The surface dynamics in free-standing film 10 are very similar to the dynamics of a film attached to a PDMS substrate. Figures 1(b)-1(d) show the computed time dynamics of the surface. It initially consists of a 60-nm-thick polymeric film of a 390 kg/mole polystyrene, where we use a value of τ w /3 = 0.035τ max . 13, 23 All material parameters can be found in Wagner et al. 13 and Bach et al. 23 After a time delay, the initial disturbance gradually evolves and the local thickness goes toward zero, which by definition is the critical point in time where the hole develops. Only one hole develops from a disturbance, and the surface remains flat between the holes. This is the surface topology observed in all experimental investigations of the spontaneous hole development in thin polymeric films. 5 The topology in few-nanometers-thin films of ordinary Newtonian liquids distinguishes from this pattern where the development of one hole from a disturbance is correlated to subsequent surface disturbances which develop into further holes. In Fig. 2 , the smallest thickness is shown as a function of time, nondimensionalized by the maximal relaxation time in the polymer τ max . We have used the same initial surface perturbation and applied a different initial nonequilibrium configuration represented as strain values of = 2, 1.8, 1.77, and 1.7. At a time considerably smaller than τ w /3, the polymer is a highly elastic and strain hardening liquid as it experiences interchain pressure 14 from the extension. The surface is stable in this strain hardening region. At times scales larger than τ w /3, the polymer flow is in the soft elastic regime. It is in the transition zone between hard and soft elastic response where the holes may develop, and it is experimentally observed as a delay. 5 As seen in Fig. 2 , a strain of = 1.8 represents the smallest amount of nonequilibrium configurations needed for a hole to develop given this specific surface perturbation. At initial strains smaller than this critical strain, the suppression in the surface will gradually disappear at time scales larger than τ max where the polymer starts to behave as an ordinary fluid. The initial size of the disturbance is particularly important, as seen in Fig. 3 . A too small disturbance will not develop into a hole before the polymer starts to behave as an ordinary fluid. Here the disturbance will vanish. These theoretical findings are in agreement with the observations in Ref. 5 , where the number of holes per area was very dependent on the amount of residual stress, reduced by heat treatment in the solid state. The real initial disturbance may be of complex origin, but the hole formation is very sensitive to the size and character of the initial disturbance (see Fig. 3 ) as well as the initially imposed nonequilibrium configuration. As neither the real initial configurations of the polymers nor the particular spatial distribution of imperfections in the thin film are known quantitatively, a comparison of the theoretical findings with the observed number of holes per area is unfeasible.
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III. RESULTS, DISCUSSION AND CONCLUSIONS
The overall topology in thin film 5 differs from the corresponding observations of few-nanometers-thin film. 7 Inspecting Fig. 4 , it is of interest to notice that the development of holes separated with distances of more than 400H 0 seem to be completely unaffected by each other. If the distance is less than 400H 0 , they tend to stabilize each other. This is opposite of the dynamics of development of holes in few-nanometers-thin films of ordinary liquid where nearby disturbances seem to destabilize each other. 7 A distance of about 200H 0 represents the smallest distance, between the center of the holes, observed experimentally. 5 Therefore, the hole development would be expected to be insensitive to the spacial distribution of imperfections in the thin film. Only the initial configurations of the polymers and the particular character of the imperfections seem to be of importance as discussed above in details. To understand why thin films of polymer melt ruptures spontaneously, we need to distinguish between the flow of ordinary and polymeric liquids. Our work gives the background for the prediction of the stability and dynamics of films used in different micro-and nanotechnologies.
